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A B S T R A C T
We study the oxo-hexametallate Li7TaO6 with first-principles and classical molecular dynam-
ics simulations, obtaining a low activation barrier for diffusion of ∼0.29 eV and a high ionic
conductivity of 5.7× 10−4 S cm−1 at room temperature (300 K). We find evidence for a wide
electrochemical stability window from both calculations and experiments, suggesting its viable
use as a solid-state electrolyte in next-generation solid-state Li-ion batteries. To assess its appli-
cability in an electrochemical energy storage system, we performed electrochemical impedance
spectroscopy measurements on multicrystalline pellets, finding substantial ionic conductivity,
if below the values predicted from simulation. We further elucidate the relationship between
synthesis conditions and the observed ionic conductivity using X-ray diffraction, inductively
coupled plasma optical emission spectrometry, and X-ray photoelectron spectroscopy, and study
the effects of Zr and Mo doping.
1 Introduction
Li-ion batteries power a critical set of portable technologies [1]
and are key to the deployment of electric vehicles, necessary to
mitigate the carbon footprint of the vehicle fleet. It is important
to overcome the constraints on safety [2, 3] and power/energy
density [4] of today’s Li-ion batteries, largely due to the use of liq-
uid and organic electrolytes. Solid-state electrolytes (SSE) are a
promising alternative for next-generation batteries [5–7] and are
being intensely researched using experiments and simulations [8–
10]. Low electronic mobility, a large electrochemical stability win-
dow, good mechanical stability, and high Li-ionic conductivity are
key properties that must be satisfied by any solid-state ionic con-
ductor to qualify for potential applications as a SSE [7, 11].
Several structural families have been and are being inves-
tigated as candidates for SSE application. The Li-conducting
garnets, with the well-known representatives Li5La3Ta2O12 and
Li7La3Zr2O12 [12–14], are one example of a thoroughly studied
family of Li-ionic conductors. Aliovalent substitutions on the Li,
La, and Zr/Ta sites have led to a large variety of related struc-
tures [15, 16], aiding in the stabilization of the ionically faster
conducting cubic phase, and introducing vacancies to facilitate
Li-ion diffusion. Recent work focuses on characterizing dendritic
growth through the garnet-based SSE [17], and the interface
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between the electrolyte and electrode [18, 19]. Li-superionic
conductors (LISICON) comprise another family of compounds
explored for high ionic conductivity. One such compound is
Li3+x(P1−xSix)O4, a solid solution of Li3PO4 and Li4SiO4 [20, 21];
Substitutions of P and Si with B, Al, Zr, Ge, Ti, or As led to
the discovery of several fast conductors [22–24], and the substi-
tution of sulfur with oxygen resulted in the sub-family of thio-
LISICONs [25–30]. The increased ionic conductivity of these
compounds compared to the respective oxygen-based LISICONs
is attributed to a higher polarizability of the anion [9, 26]. One
of the best ionic conductors, tetragonal Li10GeP2S12 (LGPS) [31],
with an ionic conductivity of 12 mS cm−1 at room temperature,
is found in this family. However, sulfur substitution has a dele-
terious effects on the electrochemical stability [32] of the SSE,
compared to their oxygen counterparts. In addition, oxides have
higher bulk and shear moduli than sulfides, and this increased
mechanical stability could benefit the suppression of Li-metal
dendrite growth [33].
Switching to thin-film batteries could also lead to technologi-
cal breakthroughs due to beneficial mechanical properties (lower
susceptibility to volume changes) and low resistance due to re-
duced dimensions [2, 34, 35]. Lithium phosphorus oxynitrides
(LiPON) LixPOyNz (x= 2y+3z−5) can be grown into amorphous
thin films, but its activation barriers at ∼0.55 eV, and ionic con-
ductivity at room temperature of 2.3× 10−6 Scm−1 are signifi-
cantly worse than LGPS [36]. Still, these shortcomings are com-
pensated by reductions in the electrolyte thickness for use in thin-
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Figure 1 The structure of Li7TaO6: Tantalum, lithium, and oxygen atoms
are shown as gold, green, and orange spheres, respectively. The coordina-
tion of Li sites is highlighted by polyhedra. Octahedrally-coordinated sites
(green polyhedra) are within the plane of Ta atoms, and tetrahedrally-
coordinated sites (grey polyhedra) are in between planes of Ta atoms.
film batteries. Growing thio-LISICONs or garnets as thin films has
also been investigated recently [37–39]. Still, the search for more
candidate SSE for Li-ion batteries is of major importance [40–42],
and novel discoveries could lead to rapid advances in the field.
In this work, we highlight the oxo-hexametallate Li7TaO6 and
study its ionic conductivity, electrochemical stability, and appli-
cability as SSE, using both atomistic simulations and experimen-
tal characterization. This material has been characterized exper-
imentally before, first by Scholder and Gläser [43, 44], and later
by Wehrum and Hoppe [45], and its structure is shown in Fig. 1.
Synthesis of a single-crystalline sample is mentioned in the latter
reference, where the authors mixed Li2O and Ta2O5 in a 7.7:1 mo-
lar ratio and annealed the mixture for 156 days at 1000 ◦C. While
the aforementioned studies only refer to synthesis and structural
properties, a few studies also report measurements of the Li-ionic
conductivity in Li7TaO6. Delmas et al. [46] studied the phases
Li8MO6 (M = Zr, Sn) and Li7LO6 (L = Nb, Ta) in 1979, finding
the Li-tantalate to have the highest ionic conductivity among the
four structures, namely 4.3× 10−8 Scm−1 at 300 K, and an acti-
vation barrier of 0.66 eV, measured with impedance spectroscopy
on multicrystalline samples of 80% density with respect to the
theoretical density. The authors suggested for this structure a
two-dimensional diffusive pathway within the Ta layers. In 1984,
Nomura and Greenblatt [47] studied Li7TaO6, measuring ionic
conductivities as low as of 3.7×10−8 Scm−1 for at room temper-
ature, and an activation barrier of 0.46 eV in a low temperature
regime, and 0.67 eV in a high temperature regime, with the tran-
sition occurring at approximately 50 ◦C. The authors managed
to increase the ionic conductivity of Li7TaO6 by doping it with
Nb, Bi, Zr, or Ca on the Ta site, with the highest ionic conductiv-
ity (3.4×10−7 Scm−1) reached for Li7.4Ta0.6Zr0.4O6. In the most
recent work on Li7TaO6, Mühle et al. [48] determined in 2004
its ionic conductivity using impedance spectroscopy, reporting a
value of 1.53× 10−7 Scm−1 at 50 ◦C and an activation barrier of
0.29 eV at 400–700 ◦C, and 0.68 eV at 50–400 ◦C.
In summary, we note that only three studies have – to our
knowledge – investigated ionic diffusion in Li7TaO6 in the last
four decades, with reasonable agreement in the Arrhenius behav-
ior of the ionic conductivity, with all studies reporting values be-
tween 0.66 eV and 0.68 eV. However, a more diffusive regime
with a lower barrier is found above 400 ◦C degrees by Mühle
et al. [48], with no other work having studied this regime. No-
mura and Greenblatt report a lower barrier at lower tempera-
ture [47]. Interestingly, this is not confirmed by the other studies,
even though this regime was probed by Delmas et al. [46] and
Mühle et al. [48]. In addition, no prior work reports the elec-
trochemical stability window of Li7TaO6, and no atomistic sim-
ulation were performed on this material to elucidate the ionic
transport mechanism.
The structure, deposited into the Inorganic Crystal Structure
Database [49], was identified by us as a fast ionic conductor
during a computational screening for new solid-state electrolytes
employing the pinball model [50, 51], motivating additional re-
search on the material and its applicability as a SSE. As we will
show in this work, the ionic conductivity predicted both via ac-
curate, if short, first-principles molecular dynamics as well as ex-
tensive classical molecular dynamics is of high value, marking
this structure as a promising candidate SSE. We calculate its elec-
trochemical stability windows from first principles and find the
material to have a wide stability window, comparable to the gar-
net Li7La3Zr2O12 (LLZO). Cyclic voltammetry and chemical reac-
tivity experiments confirm these findings. Furthermore, we use
impedance spectroscopy to determine the ionic conductivity of
sintered Li7TaO6 pellets, and obtain barriers of ∼0.6 eV, lower
than reports in the literature, but higher than seen in simulation.
However, we also find evidence of side phases that allow us to
rationalize the lower diffusion in experiment with respect to the
results of simulations.
Details of the methods employed, both computational and ex-
perimental, are given in Sec. 2, followed by the illustration and
discussion of the results in Sec. 3. We summarize our work and
present the conclusions in Sec. 4.
2 Methods
2.1 Molecular dynamics simulations
First-principles molecular dynamics (FPMD) are a powerful
tool to study the diffusion mechanisms of solid-state Li-ionic
conductors, calculating forces on the fly and accurately from
the ground-state electronic structure at every step during the
atomic dynamics. In this work we performed Born-Oppenheimer
FPMD simulations in the framework of density-functional the-
ory (DFT) [52], using the implementation of the plane-wave
pseudopotential method in the PWscf module of the Quan-
tum ESPRESSO distribution [53]. We used the Perdew-Burke-
Enzerhof (PBE) [54] exchange-correlation functional, and pseu-
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dopotentials and cutoffs suggested by the Standard Solid-State
Pseudopotential (SSSP) Efficiency library 1.0 [55–58].
We took the primitive cell of Li7TaO6 from ICSD [49] entry
74950 and performed a variable-cell relaxation of the primitive
cell with a dense 8×8×7 k-point mesh (further details are given
Sec. ?? of the SI). One calculation of the electronic density of
states (shown in Fig. 2) using DFT+Usc, where the Hubbard U
was calculated self-consistently from linear response [59, 60] to
account for possible strong localization of electrons in the d states
of Ta, gave evidence that Li7TaO6 is an electronic insulator, with
a calculated band gap of 4.5 eV at DFT-PBE+Usc level. For the
FPMD simulations we created a 2× 2× 2 supercell of La7TaO6
(112 atoms) to minimize spurious periodic image interactions
and to allow for finite-temperature sampling. The resulting su-
percell will be referred to as Li56Ta8O48 in the remainder, for clar-
ity. Due to the presence of a large band gap, the Brillouin zone
was sampled at the Γ point only, with no electronic smearing, us-
ing a threshold for the electronic charge density minimization of
1.12× 10−10 Ry. We performed molecular dynamics simulations
using the standard Verlet integrator [61], with 1.45 fs timesteps,
sampling the canonical (NVT) ensemble, i.e. fixing the number
of particles, the volume, and the temperature of the system. The
latter was controlled with a stochastic velocity rescaling thermo-
stat [62], implemented by us into PWscf, with a characteristic
time for the thermostat set to 0.2 ps, which was found to result
in efficient thermalization, but does not affect on the dynamics of
the system. We simulated Li7TaO6 at 500 K, 600 K, 750 K, and
1000 K, for simulation times of 552 ps, 639 ps, 203 ps, and 73 ps,
respectively. The criterion for stopping the simulations was given
by the relative standard error of the diffusion coefficient becom-
ing 10% or less. We managed all the dynamics with workflows of
the AiiDA materials informatics [63] platform, to ensure automa-
tion and fully reproducible results.
Force-field molecular dynamics: FPMD simulations have accu-
rate interatomic forces but are restricted to short time and length
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Figure 2 The electronic density of states from DFT+Usc as a black solid
line at ±10 eV from the highest occupied state, marked with a red dashed
line at 0 eV (green dash-dotted line for loweest valence state). We also
project the density of states onto the atomic orbitals, shown in green for
Ta (3d), orange for O (2p), and blue for Li (3s). We applied a Gaussian
broadening (σ = 0.01 eV) to smoothen the spectrum.
scales. In order to support the statistical relevance of our results
we developed a classical core-shell potential [64] which is suit-
able to describe solid-state electrolyte materials [65]. The inter-
atomic potential energy is given by the sum of the electrostatic en-
ergy between ions, a Buckingham term describing the short range
repulsion, and van-der-Waals interactions between particles i and
j at a distance ri j:
U(ri j) =
qiq je2
ri j
+Ae−
ri j
ρ − C
r6i j
, (1)
where q, A, C, and ρ are species-dependent model parameters.
In addition to the interactions given in Eq. (1), selected types
of atoms can be refined considering them as two particles, re-
ferred to as core and shell, modeling the ionic core and electronic
shell respectively. In these cases the total atomic charge is split
between the core and the the shell, allowing for a finite dipole
contribution which models polarization effects; we will therefore
refer to this classical potential as a polarizable force field (PFF).
The core and the shell interact via harmonic springs, and the mass
of the shell must be chosen small enough to ensure adiabatic sep-
aration (i.e. no mutual thermalization) between the slow ionic
motion and the fast relaxation of the electrons, as is done in the
Born-Oppenheimer approximation, and a condition which was al-
ways respected in our simulations.
We optimized the parameters of the force-field following the
approach described by Zipoli and Curioni [66] via a simultane-
ous minimization of the force and energy mismatches on selected
configurations, which were selected from short molecular dynam-
ics runs at the PBE level [54] including van-der-Waals correction
within the Grimme-D2 parametrization [67] as implemented in
the CP2K code [68]. In the present parametrization of Li7TaO6
only the more polarizable oxygen atoms were treated with a core
and a shell; in Sec. ?? of the SI we report in detail the fitting
procedure and its quality. With the optimized parameters we per-
formed PFF simulations using the LAMMPS code for large scale
molecular dynamics simulations [69], for a supercell of 90720
atoms. Access to such long length and time scales permitted to
follow a three-step protocol to ensure the reliability of the re-
sulting trajectories. First, we equilibrated the simulation cell by
coupling the entire system (ions and shells) to a barostat, setting
the pressure to p = 1 bar, and coupling the ions to a Berendsen
thermostat. This setup reproduces closely an NPT ensemble in
which the light cold shells follow adiabatically the ions, which
are coupled to a thermostat. We performed ten simulations at
different target temperatures between 300 K and 900 K. In a sec-
ond step we fixed, for each temperature, the equilibrium volume,
and the simulations continued in the canonical ensemble (NVT),
using a Nosé-Hoover integrator with a coupling time of 0.5 ps
applied to the ions (no thermostat on the shells). We note that
the temperature of the O shells, about 1 K, presented a negligible
drift of 1.5×10−2 K ns−1, confirming the adiabatic decoupling be-
tween the motion of ions and shells. Finally, the thermostat was
removed to sample at constant volume and energy in the micro-
canonical (NVE) ensemble. This way we ruled out the possibility
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that the thermostat or barostat influenced the dynamics, and we
used the NVE trajectories to calculate diffusion coefficients. The
length of the NVE simulations depended on the target tempera-
ture, and both are reported in the Sec. ?? of the SI.
Analysis of trajectories: The mean-square displacements
(MSD) of the diffusing species is the microscopic property that
links to the (macroscopic) tracer diffusion coefficient [70]. We
calculated the MSD of species S, with NS atoms in the simulation
cell, from the molecular dynamics trajectory:
MSDS(τ) =
1
NS
S
∑
i
〈|r i(τ+ t)− r i(t))|2〉t , (2)
where r i(t) is the position of the i-atom at time t. Averaging over
all trajectory timesteps is denoted as a time average by the an-
gular brackets 〈· · · 〉t ; assuming ergodicity, this is equivalent to an
ensemble average under the relevant thermodynamic conditions.
The tracer diffusion coefficient of species S, DStr, was calculated
from the long time limit of the MSD:
DStr = limτ→∞
1
6τ
MSDS(τ). (3)
We performed a least-squares regression to find the line of best fit
to the MSD in the diffusive regime, while block analysis [71] was
used to estimate the error of the tracer diffusion coefficient. Via
the Nernst-Einstein equation, and assuming a Haven ratio of one,
we estimated the ionic conductivity σ :
σ =
e2C
kBT
DLitr , (4)
where C is the average Li-ion density in the system. We also esti-
mated the tracer diffusion matrix DS of species S as follows:
DSab = limτ→∞
1
2τ
1
NS
S
∑
i
〈(
rai (τ+ t)− rai (t)
) · (rbi (τ+ t)− rbi (t))〉t , (5)
where rai (t) is the position of the i-th atom along the Cartesian
coordinate a at time t. The tracer diffusion coefficient defined
in Eq. (3) can also be calculated from the diffusion coefficient
matrix of Eq. (5) as: DStr = 1/3 ·Tr(DS). DS contains additional
information on the anisotropy of the diffusion. The normalized
variance of the eigenvalues of the diffusion matrix is referred to
as the fractional anisotropy (FA) [72].
The Li-ion probability density nLi(r) was calculated from trajec-
tories via an average over all the frames of the trajectory:
nLi(r) =
〈
Li
∑
i
δ (r− r i(t))
〉
t
, (6)
where the Li-ions are indexed by i. Due to finite statistics, we re-
placed the delta function in Eq. (6) by a Gaussian with a standard
deviation of 0.3 Å.
We also calculated the radial distribution function (RDF)
g(r)S−S′ of species S with species S′ as:
gS−S′(r) =
ρ(r)
f (r)
=
1
f (r)
1
NS
S
∑
i
S′
∑
j
〈
δ
(
r− ∣∣r i(t)− r j(t)∣∣)〉
t
, (7)
where f (r) is the ideal-gas average number density at the same
mean density. We obtained the coordination number at r by inte-
grating the average number density ρ(r′) from 0 to r.
In addition, we analyzed the trajectories using the SITATOR
package, allowing for an unsupervised analysis [73] of the re-
sulting sites and diffusive pathways. The analysis returns states
and transitions of the diffusion pathway by projecting the Li-ion
coordinates into a finite-dimensional vector space describing the
position relative to the host lattice, in this case the tantalum and
oxygen sublattice of Li7TaO6. A subsequent clustering permits to
identify crystallographic sites. The parameters used in this work
are given in Sec. ?? of the SI.
2.2 Electrochemical Stability
The electrochemical stability of a solid-state electrolyte (SSE) ma-
terial describes its robustness against either reduction (at the low
potential electrode interface) or oxidation (at the high potential
electrode interface) and is quantified in terms of the stability
potential window, which is limited by the SSE reduction poten-
tial Φred and oxidation potential Φox from below and above, re-
spectively. The most important processes that limit SSE stability
are Li-exchange reactions at the interfaces between the electro-
active materials of the electrodes and the SSE. We distinguish
two different types of reactions [74]: those that result in major
SSE phase decomposition [75] and those that alter the SSE stoi-
chiometry but leave the SSE structure intact [76]. The first type
defines the potential window of phase stability and the second
type the potential window of stable stoichiometry [74]. Each Li-
exchange reaction defines an equilibrium potential, given by the
corresponding Gibbs free energy of reaction, where Li-ion transfer
from electro-active material to SSE represents a reduction of the
SSE, and where Li-ion transfer from the SSE to the electro-active
material represents SSE oxidation. The relevant SSE reduction
potential Φred is given by the maximum of all reduction reaction
potentials, and the relevant SSE oxidation potential Φox is given
by the minimum of all oxidation reaction potentials.
We assessed the electrochemical stability of Li7TaO6 with two
different computational methods, the details of which have been
presented in previous work [74]. Gibbs free energies of reac-
tion were approximated by the pure reaction energies, which
were computed from density-functional theory (DFT) using the
Quantum ESPRESSO [53] software package. Also here we used
the PBE functional [54] and the same pseudopotentials from the
SSSP Efficiency 1.0 library [55], but the plane-wave basis energy
cutoff was set to 100 Ry for the wavefunctions and 800 Ry for
the electronic charge density. Due to the large supercell sizes of
∼1500 Å3, k-point sampling could be restricted to the Γ-point.
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2.3 Experiments
Synthesis: We synthesized Li7TaO6 with a solid-state reaction.
In a first synthesis process stoichiometric amounts of Ta2O5 (Alfa-
Aesar 99.993%) and Li2O (Alfa-Aesar 99.5%) were ground to-
gether. In a second process, we used an excess of Li2O, cor-
responding to an overall stoichiometry Li:Ta = 8:1, to compen-
sate for possible Li loss during synthesis [47]. The product of
this latter synthesis approach is denoted ‘xs-Li7TaO6’ in the fol-
lowing. After grinding, we pressed the mixture into a cylin-
drical pellet, 13 mm in diameter and about 5 mm thick, at
5 tons load. Afterwards, the pressed pellet was heated at 700 ◦C
for 48 hours on a commercially available MgO single crystal
wafer in an alumina crucible under a dry argon atmosphere.
For Li7+xTa0.98Zr0.02O6 and Li7+xTa0.98Mo0.02O6, stoichiometric
amounts of ZrO2 (Sigma-Aldrich 99%) and MoO3 (Sigma-Aldrich
99.5%) powders were added into the Ta2O5 and Li2O mixtures,
respectively. We also prepared pellets of high relative density of
Li7TaO6 using a commercial spark plasma sintering (SPS) system
at 950◦C with a holding time of 5 minutes in a 10 mm-diameter
graphite mold, under an axial compressive stress of 100 MPa, and
under dynamic primary vacuum.
XRD and ICP-OES: After cooling, we crushed the pellets and
identified the phases present via powder X-ray diffraction (XRD,
Bruker D8 system) with Cu K-α polychromatic radiation (λ =
0.15418 nm) in a Bragg-Brentano geometry for 1 h from 10◦ to
90◦ with a step size of 0.0334◦. For the refinement, we collected
X-ray powder diffraction data of Li7TaO6 at room temperature for
12 h from 11◦ to 70◦ with a step size of 0.0334◦, using an X-Pert
Panalytical θ -2θ Bragg geometry diffractometer (monochromatic
copper source λ = 1.54056 Å). The Rietveld refinement was per-
formed using the FULLPROF software [77]. We determined the
sample stoichiometry after synthesis using Inductively Coupled
Plasma Optical Emission Spectrometry (ICP-OES).
X-ray photoelectron spectroscopy: We performed XPS mea-
surements using a VG ESCALAB 220iXL spectrometer (Thermo
Fischer Scientific) with a monochromatized Al K-α source
(1486.6 eV; beam size ∼500 µm2; 150 W) and the following
conditions/parameters: 2×10−9 mbar analysis chamber pressure;
30 eV pass energy (50 eV for surveys) in 50 meV steps with 50 ms
dwell time [78]. To avoid/minimize exposure to air and mois-
ture, all XPS samples were prepared in an Ar-filled glovebox and
loaded into the spectrometer using an air-tight transfer chamber.
We sputtered the samples with Ar inside the XPS chamber, where
a beam energy of 3 kV was applied using an IQE 11/35 ion source
(SPECS) under 10−5 mbar of Ar pressure. Regarding peak decon-
volutions, Shirley-type background subtraction was applied fol-
lowed by the sum of 70% Gaussian – 30% Lorentzian line shapes.
All sample spectra were calibrated to 286 eV, which corresponds
to the C1s hydrocarbon component.
Electrochemical impedance spectroscopy: We prepared pel-
lets for ionic conductivity measurements by pressing the powder
to 13 mm diameter and about 2 mm thickness at 5 tons load,
followed by sintering at 1100 ◦C for 2 hours in O2. The rela-
tive density of the pellet was calculated from the measured mass,
thickness, and area relative to the theoretical Li7TaO6 density of
4.25 g cm−3. We polished both surfaces of the pellets with silicon
carbide (P500) paper and sputtered these with about 100 nm of
Ti, followed by another sputtering of 100 nm of Pt. We performed
electrochemical impedance spectroscopy (EIS) measurements us-
ing a Solatron 1260 gain-phase analyzer between 100 mHz and
1 MHz in Ar while cooling the sample from 200 ◦C to 40 ◦C at
intervals of 20 ◦C. At each temperature, samples were stabilized
for 1 hour before acquiring the impedance spectra.
Electronic conductivity. We measured the room-temperature
electronic conductivity of Li7TaO6 using a previously reported
technique [79], where both surfaces of the polished Li7TaO6 pel-
let are sputtered with 100 nm Cu before assembly in a Swagelok
cell. A 100 mV DC voltage was applied to the Cu/Li7TaO6/Cu cell
until a steady state was reached, wt which point the DC current
was attributed to pure electronic leakage.
Electrochemical measurements. For all electrochemical tests,
we assembled the Li7TaO6 pellets in Swagelok cells and cycled
them with a VMP-3 multi-channel potentiostat/galvanostat (Bio-
logic) in a temperature-controlled chamber (ESPEC SU-221) at
80 ◦C. First, the Li7TaO6 pellets were dry-polished with multi-
ple grit papers (80, 320, 500, then 1200) until a thickness of
approximately 500− 600 µm was achieved. To improve the con-
tact and wettability with Li foil, each side of the polished pellet
was sputtered with 100 nm Au. We conducted cyclic voltamme-
try (CV) measurements in a semi-blocking cell configuration (Au-
Li7TaO6-Au/Li), with the working electrode at the Au side and the
counter+reference electrode at the Au/Li side, at a relatively slow
scan rate of 0.1 mV s−1 over a potential range between -0.5 V to
6 V vs. Li+/Li to elucidate the electrochemical stability windows
of Li7TaO6. In addition to CV measurements, we investigated the
direct reactivity of Li7TaO6 with metallic Li. A polished Li7TaO6
pellet was assembled in contact with Li foil inside a Swagelok cell
and then kept at 80 ◦C for 5 hours. After exposure to metallic Li,
we employed XPS to probe the Li7TaO6 surface.
3 Results and discussion
3.1 Li-ion diffusion in MD simulations
First, the compatibility between FPMD and PFF simulations
with respect to the Li-ionic diffusion is assessed for the same
Li56Ta8O48 supercell, each relaxed at 0 K prior to the simulation.
In Fig. 3 we plot the MSD of Li and O, calculated using Eq. (2)
from the FPMD and PFF simulations at 600 K and 750 K. A diffu-
sive regime can be clearly discerned, evidence that the FPMD sim-
ulations performed are sufficiently long to get converged results.
The MSD calculated from the FPMD (solid lines) and PFF (dashed
lines) simulations give compatible slopes. The MSD of the oxy-
gen atoms gives evidence for the stability of the rigid framework
formed by the non-diffusive atoms and for the absence of lattice
drift. Possible size effects, discussed in greater detail in section
Sec. ?? of the SI, are not expected to change significantly the con-
ductivity in the simulations. The excellent agreement between
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Figure 3 The MSD(t) of Li and O, calculated in the small Li56Ta8O48 su-
percell, at 600 K (cyan) and 750 K (purple) from the PFF and FPMD
simulations is given by dashed and solid lines, respectively. Oxygen, in
red, shows no diffusion in any simulation, evidenced by a flat MSD. The
diffusion of Li ions, estimated from the slope of the MSD, is given in the
legend (in cm2 s−1).
FPMD and PFF allows us to use the PFF to calculate the ionic
conductivity also at lower temperatures, for a more rigorous pre-
diction at ambient temperature, which requires longer simulation
times. We use the PFF in NPT simulations to equilbrate the lattice
parameters at the target temperature, and we control for size ef-
fects by using a larger supercell. In Fig. 4 we report the computed
ionic conductivities from the PFF and FPMD simulations together
with the conductivities of LGPS [31] and LiPON [36] for compar-
ison. We estimate the activation energy for Li7TaO6 at 0.27 eV
from the FPMD simulations and 0.29 eV from the PFF simula-
tions, in good agreement with each other. The activation energies
for Li7TaO6 are slightly higher than the experimental activation
barrier for LGPS, which ranges from 0.22 to 0.25 eV [31, 80]
and much lower than the activation barrier of 0.55 eV found in
LIPON [36]. Overall the results of our simulations indicate that
Li7TaO6 could be a very promising Li-ionic conductor, suitable for
application as solid-state electrolyte.
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Figure 4 Arrhenius behavior of the ionic conductivities of Li7TaO6 simu-
lated with FPMD (red solid line) and PFF (green solid line). We compare
to the experimental ionic conductivities of LGPS [31] (blue dashed-dotted
line) and LiPON [36] (orange dashed line). The activation energies are
given in the legend within brackets (in eV).
Figure 5 The Li-ion density of Li7TaO6 at 600 K. We show the isosurfaces
at 0.001, 0.01, and 0.1 Å−3 in violet, orange, and yellow, respectively.
The average positions of the oxygens are shown as red spheres, and of
tantalum as blue spheres. We chose a different orientation compared to
Figs. 1 and 7, to showcase more clearly the diffusion in the plane of Ta
ions and out of plane.
The Li-ion probability density n(r) from the FPMD simulation
at 600 K (our longest FPMD trajectory), is reported in Fig. 5,
where we show three different isosurfaces. The lower isovalue
of 0.001 Å−3 allows to discern a connected network of Li-ion dif-
fusion pathways, additional evidence that the material is a good
ionic conductor. The high-density isovalue displays disconnected
regions of high probability density, showing that crystallographic
sites can be indeed clearly identified.
From the FPMD trajectories we calculated the RDF of Li with
all other species between 0 and 4 Å, using Eq. (7). The resulting
RDFs, shown in Fig. 6, reveal that Li ions are, as expected, clos-
est coordinated by oxygen, but the coordination number cannot
be rigorously extracted due to the fact that this type of analysis
is not able to distinguish between different types of sites for Li
in different coordination. To understand further the geometry of
the Li sites we see in simulation, we analyzed the Li-ion dynamics
with the SITATOR package [73], to characterize the distinct sites
ions visit during the simulation. By computing chemical and geo-
metrical fingerprints for each site, we classify sites by their type.
We find two sites that we label type 0 and six sites that we label
type 1, per formula unit of Li7TaO6, for both the FPMD trajectory
and the PFF trajectory at 600 K. The clustering of the descriptor
vectors for each site (see Fig. ?? of the SI) results in distinct clus-
ters, evidence of a clear difference in the geometric and chem-
ical environment of the sites. Calculating the g(r)Li−O for each
site type separately we observe a different coordination number,
which is estimated from the plateau of the Li-O RDF shown in the
bottom panel of Fig. 6. Site type 0 is coordinated by six oxygen
atoms and is an octahedral site, compared to four oxygen atoms
for the tetrahedral site type 1, in excellent agreement with pub-
lished results [45, 46] on the Li-ion sites in this structure. Fig. 7
shows the connectivity of the sites for a PFF trajectory at 600 K.
From this analysis we see one connected component, i.e. starting
from every site, a Li-ion can reach every other site in the system
via a sequence of jumps, but we observe that the material has a
more strongly connected plane of diffusion between the octahe-
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Figure 6 (Top) The Li-Li, Li-O, and Li-Ta RDF from FPMD trajectories at
600 K are shown as green, red, and blue solid lines, respectively. We show
the integral of average number density as dashed lines, using the same
color encoding. (Bottom) The Li-O RDF for site type 0 in violet and site
type 1 in cyan.
dral sites of type 0. There is however also significant diffusion
perpendicular to the plane, where the tetrahedral sites are lo-
cated. This behavior is reflected in the value of the FA, which is
stable with respect to the temperature at a value of ∼ 0.3, signa-
ture of an anisotropic type of diffusion. Ideal FA values are 0.0,
0.7, and 1.0 for isotropic, two-dimensional, and uni-dimensional
diffusion. Analyzing further the diffusion matrix, we find two
equal eigenvalues, with the respective diffusion direction lying
in plane, whereas the perpendicular diffusion is a factor of ∼2
lower. We therefore classify the material as a three-dimensional
conductor, but with a preference for in-plane diffusion.
3.2 Structure and ionic conductivity from experiment
Historically, the structure of Li7MO6 (M = Sb, Ti, Nb, Ta) was de-
scribed by a rhombohedral layer-type structure, formed by hexag-
onally close-packed oxygen octahedra [43, 46, 81]. In the case of
Li7TaO6, Wehrum and Hoppe [45] confirmed the P3 space group
(a = 5.358 Å; c = 15.073 Å). More recently, using high-resolution
synchrotron diffraction data, Mühle et al. [48] observed addi-
tional splitting in the reflections, leading to a triclinic unit cell.
We obtain the best agreement factor for Li7TaO6 with the P-1
space group, and therefore use this space group for the starting
parameters of the fit, with atomic positions taken from Mühle et
al. [48]. Atomic positions and the thermal agitation factor of oxy-
gen have been fixed voluntarily, in agreement with synchrotron
Figure 7 We show the results of the site analysis for a 2× 2× 2 cell of
Li7TaO6. Equilibrium positions of oxygen and tantalum are shown as red
and grey spheres, respectively. The octahedral sites (type 0) for Li ions
are given by crosses and the tetrahedral sites (type 1) by plusses; the
lines connecting the sites are drawn if these sites have exchanged Li-ions,
with the thickness indicating the observed flux.
data analyzed by Mühle et al. A good agreement factor for the re-
finement (RBragg = 12.5%, Rwp = 13.3%; Chi2 = 5.28) confirms
that our data are consistent with a triclinic unit cell. Table 1 sums
up the crystallographic cell parameters we obtained from the re-
finements, and we report the atomic positions in Table ?? of the
SI.
Fig. 8a shows the X-ray diffraction (XRD) patterns of Li7TaO6
and xs-Li7TaO6, as well as the Li:Ta stoichiometries of the sam-
ple pellets calculated based on results from Inductively Coupled
Plasma Optical Emission Spectrometry (ICP-OES). Both XRD pat-
terns reveal the same crystalline Li7TaO6 phase (triclinic metric,
space group P-1). The XRD spectra in Fig. 8b show that the par-
tial substitution of 2% Ta by Mo or Zr results in a similar structure
as Li7TaO6. However, all samples also produced minor impurities
that could not be attributed to the Li7TaO6 structure, e.g. for 2θ
around 18-19◦ and between 41-45◦. ICP-OES results (with ap-
proximately 2% relative error) reveal a 10% excess of Li present
in the xs-Li7TaO6 sample. We assume that this excess Li is a ac-
commodated by Li-rich side phases, because the Li7TaO6 phase
itself should not become super-stoichiometric in Li due to its neg-
ative reduction potential vs. metallic Li, as we will show in the re-
sults for the electrochemical stability later on. Vice versa, ICP-OES
results indicate a Li deficit in the Li7TaO6 sample. Due to the large
oxidation potential of stoichiometric Li7TaO6 (cf. electrochemical
Table 1 Cell parameters from the present XRD results, compared with
the results by Mühle et al. [48] as reference
Parameter Present results Reference
a 5.41 5.38486
b 5.94 5.92014
c 5.40 5.38551
α 117.13 117.0108
β 119.82 119.6132
γ 63.06 63.2492
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Figure 8 XRD patterns for (a) Li7TaO6 and xs-Li7TaO6; (b)
Li7+xTa0.98Zr0.02O6 and Li7+xTa0.98Mo0.02O6. The overall stoichiomet-
ric compositions shown in parentheses were calculated based on ICP-OES
results (2% relative error).
stability results in Sec. 3.4) it is unlikely that the Li7TaO6 phase
itself is Li deficient. Thus, our results suggest that the stoichio-
metric Li7TaO6 synthesis suffered from Li-loss resulting in Li-poor
side phases. A further refinement of the Li excess used in the
synthesis appears necessary to obtain Li7TaO6 at sufficient purity.
The calculated relative densities of the pellets prepared by the
conventional process, i.e. pressing then sintering, and by the SPS
method, are shown in Table 2. A high relative density with a
compact microstructure has been reported as being essential for
achieving high ionic conductivity in SSE pellets [82, 83]. The
xs-Li7TaO6 pellet prepared with the conventional process exhibits
lower relative density than the Li7TaO6 pellet prepared with the
same pressing-sintering process, which could be an indication of a
stronger presence of side phases in the former sample, due to the
Li2O excess during synthesis. The SPS method allows to obtain a
very dense pellet of Li7TaO6 with relative density of 100%. How-
ever, the SPS method is not an economical and practical process
of pellet preparation. As an alternative, substituting 2% Zr for
Ta produces a high relative density pellet of Li7+xTa0.98Zr0.02O6
by the conventional process. Conversely, doping with Mo has an
opposite effect on relative density.
In Fig. 9 we show the Arrhenius plot of the ionic conductivities
together with the fitted activation energies obtained for Li7TaO6,
xs-Li7TaO6, Li7+xTa0.98Zr0.02O6, and Li7+xTa0.98Mo0.02O6 pre-
pared by pressing+sintering, and of the Li7TaO6 pellet prepared
by the SPS method. For comparison, we also show the re-
sults from the simulations, together with the conductivity of
LiPON [36]. We observe that the ionic conductivity of Li7TaO6 is
two to three orders of magnitude higher than that of xs-Li7TaO6.
This dramatic difference might be explained by the increased
presence of side phases in the xs-Li7TaO6 pellet, as discussed in
the context of pellet density and ICP-OES results above, or by the
lower relative density of the xs-Li7TaO6 pellet itself, c.f. Table 2.
In line with this reasoning, the ionic conductivity of Li7TaO6 is
significantly improved in the high-density pellet prepared by the
SPS method. The substitution of Ta by 2% Mo decreases the ionic
conductivity in Li7+xTa0.98Mo0.02O6, as well as the relative pellet
density (c.f. Table 2). Vice versa, the Li7+xTa0.98Zr0.02O6 pel-
let exhibits a high ionic conductivity, on a par with the Li7TaO6
pellet prepared by SPS. Both pellets display a high relative den-
sity, which confirms a close correlation between the relative pellet
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Figure 9 Arrhenius plot of experimentally determined ionic conductivities
(bulk + grain boundary contributions) of xs-Li7TaO6 (cyan diamonds),
Li7+xTa0.98Mo0.02O6 (purple crosses), Li7TaO6 (black squares), Li7TaO6
prepared via SPS (blue triangles), and Li7+xTa0.98Zr0.02O6 (red crosses).
We compare these to the ionic conductivities from the PFF (green cir-
cles), FPMD (red lines), and LiPON experiments [36] (orange dashed
line). The barriers to diffusion are given in the legend within brackets
in eV. The Nyquist plot of the electrochemical impedance measured in a
polished Li7TaO6 pellet with contributions from both grain boundary and
bulk resistance is shown in the inset.
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Figure 10 Ta4d, O1s and C1s XPS core level spectra recorded on Li7TaO6 pellets: (a) unpolished, (b) polished, (c) polished plus 1 min Ar sputtering,
and (d) polished plus 5 min Ar sputtering.
density and the ionic conductivity, as previously suggested [82].
However, this correlation might be indirect rather than causal. We
propose the hypothesis that the amount of side phases present in
the pellet influences both the relative density and the ionic con-
ductivity, and thus represents their indirect link.
Even the highest experimentally measured ionic conductivities
are still several orders of magnitude lower than the results from
FPMD or PFF calculations, and the experimentally obtained ac-
tivation energies at ∼0.6 eV are about two times those obtained
from simulations. The conductivity values reported in Fig. 9 cor-
respond to the overall ionic conductivity of the sample, i.e. bulk
plus grain boundaries. The Nyquist plot of the impedance of a
polished Li7TaO6 pellet, shown in the inset of Fig. 9, reveals two
semi-circles that can be attributed to bulk resistance and grain-
boundary resistance, respectively. On the basis of the capacitance
and dielectric constant, we can attribute the first semicircle to the
bulk contribution (C= 10−11 F, e= 46), while the second semicir-
cle, with eight times higher a capacitance, is attributed to grain-
boundary contribution. The last contribution, at low frequency,
stems from capacitance of the electrode.
We performed X-ray photoelectron spectroscopy (XPS) experi-
ments in order to identify material characteristics such as surface
Table 2 Relative densities of pellets prepared with different processes
Compound Preparation process Density
xs-Li7TaO6 Press & sinter 71%
Li7TaO6 Press & sinter 84%
Li7TaO6 SPS 100%
Li7+xTa0.98Zr0.02O6 Press & sinter 93%
Li7+xTa0.98Mo0.02O6 Press & sinter 78%
reactivity and the presence of side phases. Since Li7TaO6 is ex-
posed to ambient air during the synthesis and pellet fabrication
steps, we assume that the material reacts with CO2 and mois-
ture to form surface species such as lithium carbonate (Li2CO3)
or lithium hydroxide (LiOH). Fig. 10 shows the XPS Ta4d, O1s,
and C1s core level spectra of unpolished, polished (in an inert
atmosphere), as well as Ar-sputtered (polished) Li7TaO6 pellets.
Unsurprisingly, the unpolished pellet surface showed no signal
for Ta4d while a strong presence of Li2CO3 is revealed by the O1s
and C1s spectra, depicted in Fig. 10a. Since the XPS penetration
depth is no more than 10 nm with an Al Kα source, this Li2CO3
surface layer must be at least 10 nm thick. However, the polished
Li7TaO6 pellet exhibits a Ta4d signal as well as a shoulder (531
eV) in the O1s spectrum, which corresponds to exposed tantalate
as the mother phase (see Fig. 10b). Note that Li2CO3 and some
hydrocarbons could still be detected in the XPS O1s and C1s spec-
tra even after substantial polishing from a 2 mm thick pellet down
to a thickness of 500− 600 µm, which prompted us to probe the
pellet surface further by Ar sputtering. Figs. 10c and 10d show the
aforementioned core level spectra for polished pellets sputtered
with Ar for 1 min and 5 min, respectively. The Li2CO3 peaks in
the O1s and C1s spectra substantially decreased while the signal
of Ta increased in the Ta4d spectra, which indicates that Li2CO3
is mainly on the surface of the polished pellet. We note that Ar
sputtering for several minutes can alter the local composition of
the material due to ion implantation, which leads to a shoulder
(labeled Ar2p) in the Ta4d core level spectra shown in panels (c)
and (d) of Fig. 10. Nevertheless, regardless of polishing under
inert atmosphere and Ar-sputtering, Li2CO3 contamination of the
Li7TaO6 pellet could still be detected.
These experimental findings are in agreement with DFT results
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Figure 11 XPS spectra (Ta4d, O1s, C1s) for a polished Li7TaO6 pellet (a) before and (b) after exposure to metallic Li.
for the reaction energetics of Li7TaO6 with CO2. The Li7TaO6
phase itself was calculated to lie essentially on the convex hull
of thermodynamic stability in the canonical Li-Ta-O phase dia-
gram. However, in presence of CO2 the Li carbonate formation
was found energetically favoured by approximately 0.6 eV per
CO2 molecule at room temperature:
2 Li7TaO6 + 7 CO2 −→ Ta2O5 + 7 Li2CO3, (8)
where we included an entropic contribution −TS = 0.9 eV to
the free energy of gaseous CO2, estimated from NIST refer-
ence data [84] at a temperature T = 300 K and pressure p =
4× 10−4 bar (approx. atmospheric CO2 concentration). Only
above approximately T=500 K, the left-hand side of reaction (8)
becomes entropically stabilized. Li2CO3 is a poor Li-ion conduc-
tor [85]. Therefore, the presence of poorly conductive side phases
could contribute to the significant reduction of our experimentally
measured ionic conductivity of Li7TaO6 pellets compared to the
computated bulk ionic conductivity. We conclude that exposure of
the Li7TaO6 to CO2 must be carefully avoided at all stages of syn-
thesis and characterization in order to prevent the formation of
Li2CO3, which imposes technical challenges to the laboratory en-
vironment. Further improving the Li7TaO6 samples is therefore
deferred to future work. However, also the possibility of prob-
lems in the description of Li7TaO6 by DFT at the PBE level must
be acknowledged. We confirmed that the forces on the PBE level
match perfectly the forces calculated with DFT+Usc (see Sec. ??
of the SI), so self-interaction of the Ta-d orbitals can be excluded
as a source of error. Another possibility is a phase transition to a
superionic phase at high temperature, as hypothesized by Mühle
et al. [48] who observed a drastic change in activation energy at
400 ◦C, to 0.29 eV. This barrier is the same as in the simulations
we performed, which could indicate that our simulations sample
a superionic phase also at ambient temperature. However, we
could not reproduce that change in activation barrier experimen-
tally, therefore also this explanation remains speculative.
3.3 Electronic conductivity
The electronic conductivity of a material must be very low to al-
low for its application as SSE [86]. Therefore, we measured the
electronic conductivity of Li7TaO6 at room temperature, by ap-
plying a 100 mV DC voltage to a Cu/Li7TaO6/Cu cell. Due to
the ion-blocking cell configuration, the steady state DC current
reached after approximately 0.5 hours was attributed to the elec-
tronic conductivity of the Li7TaO6 solid-state electrolyte. The cor-
responding value is 2×10−9 S cm−1, which is on a par with other
SSE materials such as LLZO [87] and LPS [88, 89].
3.4 Electrochemical and chemical stability
Our computational results yield a potential window of stable sto-
ichiometry of Li7TaO6 between -0.85 V and 3.85 V vs. Li metal.
The negative lower potential limit means that Li7TaO6 cannot be-
come Li super-stoichiometric upon contact with a metallic Li an-
ode. Vice versa, the large upper potential limit indicates good sta-
bility of the Li7TaO6 against oxidative Li extraction. We estimate
the potential window of phase stability of Li7TaO6 between 0.31 V
and 2.51 V vs. Li metal, which is more limiting than the stable
stoichiometry window. The lower and upper potential limits are
defined by the respective reductive and oxidative decomposition
reactions:
Li7TaO6 + 5 Li −→ Ta + 6 Li2O (9)
Li7TaO6 −→ Li3TaO4 + O2 + 4 Li, (10)
where we include an entropic contribution of −TS = −0.638 eV
to the free energy of gaseous O2 at a temperature of T = 300 K
and pressure of p = 1 bar, which was computed from NIST ref-
erence data [84]. The lower stability potential limit of 0.31 V
is only slightly positive vs. Li metal, and thus Li7TaO6 is poten-
tially metastable in contact with a metallic Li anode. Compared
to other common Li-SSE materials, the Li7TaO6 stability window
is excellent and close to the one of LLZO [32], one of the most
stable SSE materials known to date.
The reactivity of Li7TaO6 against metallic Li was experimentally
elucidated by placing a polished Li7TaO6 pellet in contact with Li
foil under pressure in a Swagelok cell. To promote the reaction
between said materials, the cell was exposed to a high tempera-
ture (80◦C) as described in Sec. 2.3. Fig. 11 shows the XPS Ta4d,
O1s, and C1s core level spectra of the Li7TaO6 pellet surface be-
fore and after exposure to metallic Li. We observe no significant
changes in the XPS spectra. Specifically, the oxidation state of
Ta does not change after exposure to Li metal even at elevated
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Figure 12 CV curves of a Au-coated Li7TaO6 pellet with Li as the reference
and counter electrode. The measurements were conducted at 80 ◦C at a
scan rate of 0.1 mV/s.
temperatures, which indicates stability, or at least meta-stability,
against metallic Li, in good agreement with the computational
results.
The electrochemical stability window of Li7TaO6 was evaluated
using cyclic voltammetry (CV) with a semiblocking cell configu-
ration (Au-Li7TaO6-Au/Li). The resulting cyclic voltammograms
shown in Fig. 12 were taken over a wide voltage range (up to 6 V)
at a slow scan rate of 0.1 mV s−1. In the first cycle, oxidation pro-
cesses are apparent above ∼2.7 V vs. Li. However, we observe no
corresponding reduction processes. Since the presence of Li2CO3
in the Li7TaO6 pellet is confirmed by XPS measurements, we be-
lieve that lithium carbonate decomposition is responsible for the
irreversible oxidation reaction at higher potentials in the initial
cycle. Mahne et al. [90] reported that Li2CO3 decomposes into
carbon dioxide above 3.8 V vs. Li. In the second and third cy-
cles, the irreversible oxidation current substantially decreased at
higher potentials, while a smaller oxidation shoulder persisted
around 2.7 V vs. Li, which is in very good agreement with the
computed 2.51 V upper stability potential limit of Li7TaO6. Vice
versa, a reduction process is observed with an onset potential at
∼0.7 V vs. Li, which is close to the computed lower stability po-
tential limit at 0.31 V. There is a second reduction process with
an onset around 1.7 V vs. Li that we cannot clearly identify. It
could correspond to the reduction either of oxidation products
previously formed at high potentials or of synthesis residuals.
4 Conclusions
We studied the hexa-oxometallate Li7TaO6 using accurate first-
principles as well as polarizable force-field molecular dynamics
simulations, finding excellent agreement between the two meth-
ods. From our simulations we conclude that the compound inves-
tigated is a fast-ionic conductor also at room temperature. The ac-
tivation barriers of 0.27 eV and 0.29 eV, estimated from the FPMD
and PFF simulations, respectively, are of sufficiently low value to
highlight this material as a potential candidate material for SSE
application. We could not confirm the high ionic conductivity and
low barrier with experiments: Our experimental results indicate
that carefully avoiding the formation of side phases at all stages
of synthesis and experiments, although technically very challeng-
ing, will be required to obtain better agreement between experi-
mental and theoretical conductivities. In addition, we calculated
the electrochemical stability window from first principles, finding
that Li7TaO6 is remarkably stable, and is comparable to LLZO in
this respect. The computational findings are in good agreement
with the results of electrochemical stability experiments, namely
cyclic voltammetry and direct reactivity with metallic Li.
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